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  1   .  Introduction 

 Decreasing the dimensions of ionic con-
ductors to the nanoscale has enabled 
the realization of new electrochemical 
devices integrated on Si-based and other 
microsystems. These comprise fast ionic 
conducting electrolytes for energy-appli-
cations such as micro-fuel cells [  1,2  ]  and 
batteries, [  3  ]  gas conversion/reformation 
catalysts, [  4,5  ]  sensors, [  6  ]  and for redox-reac-
tion based resistive memories. [  7,8  ]  A key 
objective for these devices is to simulta-
neously achieve high device density per 
chip together with enhanced reaction and 
transport kinetics. Among various mixed 
ionic and electronic conducting (MIEC) 
oxides, doped ceria nano-scale fi lms 
are of interest for a broad set of these 
microsystem based applications. [  6,9,10  ]  
Composition-defect and crystal structure-
property correlations in bulk ceria-based 
solid oxide electrolytes are reasonably well 
established. [  11  ]  Because of the low tem-
perature processing conditions that are 
commonly required to insure proper inte-
gration with silicon and related technolo-
gies, the relations known for bulk ceria 
do not hold for nano-scale thin fi lms. [  12  ]  
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  While increasing the number of vacancies increases the con-
ductivity (by a higher   σ   0 ), the increase in association enthalpy 
reduces it. Numerous computational studies (often backed by 
experimental work) have focused on defect association effects. 
Early work by Minervini et al. has pointed to the importance of 
cation-vacancy association, by studying cation-vacancy dimers 
and trimers, and showed that vacancies prefer to reside next to 
the smaller cation. [  19,20  ]  This trend was then confi rmed by den-
sity functional theory calculations. [  19,21  ]  More recent work has 
also pointed out the importance of the interaction and associa-
tion of a vacancy with another vacancy [  16,27,28  ]  and shown that 
these signifi cantly affect the ionic conductivity of doped ceria. 
Cormack and co-workers have recently studied large-scale 
defect clusters and nano-domains, [  17,18  ]  a more realistic pic-
ture than the simple dimers and trimmers mentioned above. 
They found that sub-nanoscale defect clusters (prevalent at low 
dopant concentration) prefer a pyrochlore-type crystal structure 
in which dopants and vacancies are at next-nearest-neighbor 
sites. As these defect clusters grow into nanoscaled domains 
(typical of higher dopant concentrations), the C-type rare earth 
crystal structure, in which the dopants and vacancies are at 
nearest-neighbor sites, becomes more stable. This observation 
of C-type nano-scale domains is consistent with observations 
from TEM and SAED experiments. [  29–31  ]  Interestingly, these 
different types of ordered domains also have slightly different 
lattice parameters, implying that defect association also affects 
the structural properties of these materials. Aside the impact of 
dopants on defect association energy, other studies have found 
corresponding effects of varying the dopant type and concen-
tration on the migration enthalpy of the oxygen vacancies. [  32–35  ]  
We return to a consideration of the relative contribution of 
these two factors on ionic conduction in doped ceria fi lms in 
the discussion section.  

  1.2   .  What Is Not Known for Thin Films? 

 Moving from bulk materials to thin fi lms introduces new 
parameters that impact the crystal and defect structure as well 
as the transport properties. The functional characteristics of 
metal oxide thin fi lms, such as crystal structure, phase, non-
stoichiometry, concentration and mobility of charge carriers, 
often strongly depend on the deposition conditions established 
during processing (i.e., pO 2 , temperature, thermal history). [  36,37  ]  
Thin fi lm microstructures range from dense to porous and 
differ in density, degree of crystallinity and strain. [  37–39  ]  For 
example, a wide variation in the activation energy of oxygen ion 
conductivity (from 0.6 to 1.3 eV), dependent on the thin fi lm 
processing history, was reported for Gd doped ceria (GDC), 
see review in the literature. [  40  ]  This is in contrast to large-grain 
bulk GDC sintered pellets, which exhibit an activation energy 
of  E  a  = 0.7 eV, independent of processing route. [  11  ]  The variable 
transport properties, observed in conducting oxide nano-fi lms, 
represent a challenge in consistently controlling the perfor-
mance of energy conversion or electronic-based microdevices 
with optimum and reproducible properties. We observe that 
the deviation of the thin fi lm properties from those established 
in bulk ceria can arise from the presence of metastable phases 
(discussed below) resulting from the low-temperature synthesis 

And thus, a need exists to establish the composition-defect and 
crystal structure-property correlations, as well, in thin fi lms. In 
this introduction, we fi rst review the known relations of lattice 
parameter, ion radius and conduction properties of bulk ceria, 
and then discuss how thin fi lms deviate from these relations. 

  1.1   .  What Is Known for Bulk Ceria? 

 Bulk ceria has been thoroughly characterized experimen-
tally [  11,13,14  ]  and computationally. [  15–21  ]  One of the key desir-
able properties of ceria, for example, when used in solid oxide 
fuel cells (SOFCs), is its relatively high ionic conductivity and, 
therefore, much effort has been directed towards optimizing 
this quantity. The main strategy for enhancing the ionic con-
ductivity has been to dope ceria with lower-valent cations of 
various sizes (usually tri-valent rare-earths or Ca 2+ ). [  11,22,23  ]  The 
addition of trivalent cations leads, to the formation of oxygen 
vacancies to maintain charge neutrality, with the relation of 
2[V ••  O ] = [M ’  Ce ], leading to increases in the oxygen ion diffusion 
coeffi cient through vacancies and, thereby conductivity. At the 
same time, each dopant alters the local defect confi guration and 
thereby the ion migration barriers. [  15  ]  The maximum value of 
the ionic conductivity of doped ceria therefore depends on both 
the dopant type and concentration. 

 As a general rule, dopants with radii similar to or slightly 
larger than that of Ce 4+ , such as Sm 3+  and Gd 3+ , offer optimum 
oxygen ion conductivity, with the maximum conductivity in ceria 
achieved at approximately 20% dopant substitution. [  11,17  ]  The 
addition of lower-valent cations affects the crystal structure of 
ceria, at both the local and the long-range levels. Indeed, the lat-
tice parameter of these materials changes linearly with dopant 
cation concentration (and/or radius), in accord with Vegard’s 
law. [  11,14,15  ]  Due to the high sintering temperatures (usu-
ally ≈1500  ° C), the lattice parameter is found to be processing 
independent within the range of bulk pellet processing condi-
tions. [  11,13  ]  At the local level, doping usually leads to association 
effects, that is, the preference for an oxygen vacancy to reside 
next to a specifi c cation, usually the one with the smaller radius. 
This is usually accompanied by local distortions of the lattice 
around the dopant cation and/or the oxygen vacancies. [  15  ]  Recent 
work by Kossoy and Lubomirsky, [  24  ]  for example, found that, for 
high Gd concentration (>25%), ceria undergoes a transition to 
a double-fl uorite phase where oxygen vacancies reside preferen-
tially around the Ce cation. Similarly, for ZrO 2 –CeO 2  solid solu-
tions, oxygen vacancies reside preferentially around the smaller 
Zr ion which prefers the lower six-fold coordination. [  25  ]  

 Of interest is the manner in which the combined changes in 
composition (increased number of vacancies) and defect struc-
ture (association effects) impact the thermally activated ionic 
conductivity given by:

F = F0 exp(−Ea/kBT ),   (1)     

 where the pre-exponential factor,   σ   0 , is proportional to the 
number of vacancies, [V ••  O ].  E  a , the effective activation energy, 
is typically treated by considering the effects of the migration 
enthalpy, �Hm   and defect association enthalpy, �Ha  , as: [  26  ] 

Ea = �Hm + �Ha (2)

Adv. Funct. Mater. 2014, 24, 1562–1574



FU
LL

 P
A
P
ER

1564

www.afm-journal.de
www.MaterialsViews.com

wileyonlinelibrary.com © 2014 WILEY-VCH Verlag GmbH & Co. KGaA, Weinheim

However, we take Pennycook’s predicted magnitude of 
improvement in ion transport with caution. Recent DFT calcu-
lations point to a reduced migration energy barrier for oxygen 
diffusion when the material is tensile strained, but a much 
more moderate improvement in ion conduction is expected at 
700 K or above due to lattice strain alone, as detailed in the lit-
erature. [  73–76  ]  Very recently, De Souza and co-workers extended 
current DFT models by analysis of the activation volume tensor 
to describe the impact of arbitrary strain states on oxygen ion 
migration energies, fi rst implemented on ceria materials. [  77  ]  
From an experimental perspective the large scatter and lack of 
reproducibility arises, [  78,79  ]  at least in part, from the processing 
dependent differences in fi lm microstructure, strain state and 
chemistry. Processing-dependent lattice constants, associated 
with the fabrication of metastable or epitaxially strained thin 
fi lms has an impact on the intrinsic chemical and transport 
properties of the material; an example of what is becoming 
popularly known as “electro-chemo-mechanics”. [  24,35,80  ]  This 
area of investigation concerns itself with how changes in the 
mechanical/structural properties of materials (e.g., strain, 
lattice parameter) impact their electrical (e.g., ionic conduc-
tivity) and chemical (e.g., oxygen nonstoichiometry) properties 
and vice-versa. Control of lattice strain, for example, is being 
examined as an important strategy for modifying charge and 
mass transport kinetics in devices based on MIEC fi lms, [  79  ]  an 
approach common in the semiconductor industry, for example, 
to achieve enhanced electron mobilities. [  81  ]  

 The objective of this paper is to quantitatively and mechanis-
tically assess the impact of the changes in the lattice parameter 
and microstrain on ionic conductivity in doped-ceria nanostruc-
tured fi lms. Unlike traditional means for varying lattice para-
meter by doping, we demonstrate in this study that equivalently 
large changes in lattice parameter can be obtained, in a fi lm 
of fi xed composition, by control of the thermal history of the 
fi lm. In this study, nanostructured fi lms, prepared by pulsed 
laser deposition (PLD) at room temperature, exhibiting dif-
ferent strain levels (both lattice parameter and microstrain), 
are accessed through changes in post-annealing treatments. 
Studies are limited to compositions for which doped ceria 
remains single phase fl uorite, (see  Figure    1  a), within which 
the ionic conductive character is controllable through doping 
with trivalent cations. La, Gd, Lu, or Sc were chosen as the 
dopants in this work, see  Table  1. Since the dopant concentra-
tion is maintained constant at 20 mol% for each composition, 
the infl uence of the trivalent cation size on the thin fi lm atomic 
structure can directly be assessed. In particular, lattice strain, 
microstrain and oxygen-cation distances were studied for each 
composition as a function of thermal history. The lattice para-
meters, lattice disorder and relative changes in the oxygen-
cation bond distances were investigated with X-ray diffraction 
(XRD) and Raman spectroscopy. In particular the Raman spec-
troscopy is a powerful probe of local bond distances, which 
are inversely proportional to cation-oxygen bond strengths for 
ceria, an important parameter infl uencing ion migration ener-
gies. [  82,83  ]  Oxygen ion transport was studied by electrochemical 
impedance spectroscopy. The effect of strain on the migration 
barrier and on defect association energy is assessed computa-
tionally using density functional theory calculations, and dis-
cussed in relation to the observed changes in ionic transport in 

of the thin fi lms, as well as from the strains that the fi lms sus-
tain. The latter is either in the form of “epitaxial strain” that rep-
resents the coherent lattice mismatch between the fi lm and the 
substrate, or in the form of “microstrain” representative of the 
lattice disorder in the system. While the epitaxial strain is effec-
tively a planar lattice expansion or compression in the fi lm, the 
microstrain is measured in terms of the deviation of the lattice 
parameter from the average lattice parameter of the fi lm, as 
refl ected in the width of the peaks of an XRD pattern. 

 First we summarize the presence and consequences of meta-
stable crystalline structures. Conventional semiconductor pro-
cesses require temperatures below 700  ° C to prevent the for-
mation of silicon sub-oxides and assure compatible lithography 
routes. [  41,42  ]  To be Si-technology compatible, metal oxide fi lms 
are deposited at approximately one fi fth of the melting tempera-
ture (conventionally <800  ° C, [  43  ]  or even lower, in contrast to the 
sintering of ceramic powders carried out at approximately two 
thirds of the melting temperature (>1400  ° C). As a consequence 
of achieving equilibrium conditions during sintering, the lattice 
constants of bulk ceramics are found to be processing-inde-
pendent. [  13,44  ]  On the other hand, because of the relatively low 
synthesis temperatures, metastable microstructures, that differ 
substantially from those found in bulk sintered ceramics, tend 
to prevail in such fi lms. [  40,45–48  ]  The effective lattice parameter 
and the extent of disorder in thin fi lms can vary signifi cantly as 
a function of processing conditions. [  48–53  ]  For example, instead 
of a fi xed lattice constant for a given composition, irrespective 
of processing conditions, one fi nds evidence for processing-
dependent lattice constants, and corresponding variations in 
the electrical and transport properties of thin oxide fi lms as 
reported for nano-ceria [  39,45  ]  and nano-zirconia [  49,50,54,55  ]  fi lms. 
Consequently, the conductivity-crystal structure relationships 
for thin fi lm nanostructured materials is far less understood 
compared to those in bulk oxides. For micro fuel cells or sen-
sors, the “operation” and “deposition” temperatures are close or 
even overlapping, adding further to the complications related to 
crystal and defect structure-property relations. [  42,53,56,57  ]  

 Second, we highlight the recent fi ndings on the potential 
role of lattice strain in accelerating transport kinetics in solid 
state ionic and mixed ionic-electronic conductors (MIEC). The 
sensitivity of oxide properties to strain and defects is greatly 
amplifi ed at interfaces, resulting in signifi cant and quantifi able 
effects on charge-carrier density and mobility. Recent compu-
tational, analytical and experimental studies suggested a sig-
nifi cant impact of lattice strain, in thin fi lm zirconia, ceria and 
other systems, on facilitating oxygen ion transport. [  58–62  ]  Addi-
tionally, other key properties of these materials, such as vacancy 
formation, [  63–68  ]  are also facilitated. It is important to empha-
size, however, that there is large scatter in the quantitative 
results for oxygen diffusion obtained experimentally in strained 
thin fi lms or multilayers. For example, reported oxygen diffu-
sivity enhancement ranges from a phenomenal ×10 8  in ultra-
thin YSZ fi lms sandwiched between SrTiO 3  layers, [  58  ]  to ×10 3  
in YSZ thin fi lms on MgO, [  69  ]  to a mild ×2 in YSZ/Y 2 O 3  multi-
layers, [  70  ]  and nearly no change for YSZ/CeO 2  multilayers. [  71  ]  
Pennycook concluded from fi rst principle calculations that the 
origin of colossal ionic conduction is mainly an extreme dis-
ordering of the oxygen sublattice, due, potentially, to the pres-
ence of an interface with SrTiO3 and/or the lattice strain. [  72  ]  
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  2   .  Results 

 Lattice constants were determined from XRD data on pellets 
and on fully crystalline thin fi lms with different post-growth 
annealing temperatures. The lattice constant of the sintered 
bulk  pellets  increases with increasing radii of the solute cation 
from 0.535 nm (Sc 3+ ) to 0.546 nm (La +3 ), Figure  1 b (open sym-
bols), and does not depend on processing conditions. The larger 
the dopant cation, the lower is the packing density of the ceria 
lattice. This fi nding is in agreement with previous experimental 
studies [  11,13  ]  and computational work. [  84  ]  The metastable nature 
of the thin fi lms prepared in this study, on the other hand, is 
refl ected in two distinct ways: 1) the lattice constant decreases 
signifi cantly with increasing post-anneal temperature for each 
dopant, as displayed in Figure  1 b, where the measured values 
for the highest post-annealing temperature are signifi cantly 

the thin fi lms. Finally, implications for applications of strain-
charge transport relations in ceria-based thin fi lms, in miniatur-
ized microsystem-based electrochemical devices, are discussed.     

  Table 1.   Shannon ionic radii of host and dopant cations. [  133  ]       

 Cation    Ionic radius 
[pm]   

 Coordination      

Ce 3+   114  XIII  host lattice  

Ce 4+   97  XIII    

La 3+   116  XIII    

Gd 3+   105  XIII  dopant  

Lu 3+   98  XIII    

Sc 3+   87  XIII    

       Figure 1.  Lattice strain in binary oxide thin fi lms. a) Fluorite ceria crystal structure indicated are the sturtural positions of oxygen ions (O 2− ), ceria 
cations (Ce 4+ ), dopant cation (M 3+ ), oxygen vacancy (V..), the lattice constant and the near order oxygen ion-cation F 2g  bonds (left). The transport of 
oxygen ions through hopping over oxygen vacancies is indicated in its structural plane (right). b) Lattice constant of 20 mol% Sc, Lu, Gd and La-doped 
ceria thin fi lms and sintered pellets with respect to post-annealing temperature of thin fi lms and sintering temperature for pellets. Micrographs display 
exemplarily the SEM microstructures of pellets and thin fi lm. 
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post-anneal conditions of between 600 and 1000  ° C. The lattice 
constant of the M 0.2 Ce 0.8 O 1.9– x   pellets increases from 0.535 to 
0.545 nm, when going from from Sc to La (Figure  2 b). This cor-
responds to a lattice constant change of  Δ  d  = 0.01 nm, arising 
from the change of dopant cationic radii size by  Δ  r  = 17 pm. 
Lanthanide-doped thin fi lms reveal, for the same processing 
history (e.g., 600  ° C anneal), a comparable slope of the straight 
line fi t for dopant radii relative to lattice constant (Figure  2 a). 
Generally, one expects a linear fi t of lattice constant versus 
dopant ionic radii for a fi xed concentration of dopant. This holds 
largely true for the tested lanthanide dopants in the ceria pel-
lets as shown in Figure  2 b. For scandia doping, an anomalous 
deviation from this linear dependence is found, as this mate-
rial exhibits an increased lattice constant relative to the linear 
extrapolation derived from the other compositions. This may 
be related to the formation of (ScV O )  ·   clusters, driven by the 
smaller ionic radius of Sc. [  85,86  ]  Importantly, inspection of the 
relative lattice constant change in the fi lms, for a given dopant 
cation radius, for example Gd 0.2 Ce 0.8 O 1.9− x   (see Figure  2 a), 
shows a large drop in lattice constant from 0.536 to 0.543, fol-
lowing post-annealing treatments between 1000  ° C and 600  ° C. 
This corresponds to a relative lattice constant change of 

lower than those of the pellets, i.e. these fi lms are denser, with 
the degree of compaction dependent on the dopant cation’s 
radius; 2) the changes in lattice constant of thin fi lms induced 
by post-annealing are on the order of the changes in lattice 
constant introduced by doping in bulk ceria with substantial 
changes in dopant ion diameter. Detailed XRD spectra are dis-
cussed in Supporting Information I, and these clearly reveal 
changes in diffraction peak position while heating. The lattice 
constant change,  Δ  d  600–1100  ° C , represents the relative change in 
lattice constant for the annealing temperature range of 600–
1100  ° C. Overall, it is largest for the smallest dopant cation; viz., 
 Δ  d  600–1100  ° C : –1.7% (Sc +3 ) > –1.5% (Gd +3 ) > –1.2% (La +3 ). Upon 
cooling to room temperature, the last equilibrated lattice con-
stant, induced at the post-annealing temperature, is maintained 
as a “frozen in” state (outside of thermal expansion contribu-
tions). This is in contrast to sintered pellets, where the lattice 
constant is processing independent. Kossoy et al. reported a 
similar irreversible lattice constant reduction of  Δ  d  20–500  ° C : 
–1.8% for undoped CeO 2  thin fi lms. [  45  ]  

  Figure    2  a,b compares the lattice constant of the high tem-
perature sintered pellets to the lattice constant change for 
thin fi lms with the same dopants, but with the widely different 

      Figure 2.  Ionic radii of dopant cation (a,b) and microstrain (c,d) with respect to lattice constant of 20 mol% doped ceria thin fi lms for strained thin 
fi lms and pellets. Strained thin fi lms are displayed in (a,c) and sintered pellets in (b,d). The thermodynamic equilibration temperatures of the crystal 
structures are indicated relative to lattice constant for fi lms and pellets by dashed lines. 
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be broken; the weaker the local bonds, the easier to migrate 
with a lower migration energy barrier. Here we use Raman 
spectroscopy, a powerful tool for probing the relative changes in 
cation-anion distances, or bond lengths, with respect to strain 
and size of the dopant cation. For a given crystal structure and 
composition, the increase (decrease) of bond lengths are associ-
ated with the weakening (strengthening) of those bonds. The 
thin fi lm fl uorite oxides studied here have only a single allowed 
triply degenerated F 2g  Raman mode, viewed as a symmetric 
breathing mode of the oxygen ions around each cation [  97  ]  (see 
Figure  1 a for the indicated Raman bond). Because the cation-
anion bond strength is inversely proportional to bond length, 
probed via the Raman shift of the F 2g  mode, the data is comple-
mentary to the information derived from the cubic lattice con-
stant, as measured in XRD. Undoped CeO 2– x   pellets are well 
characterized in the Raman spectroscopy literature by the pro-
cessing insensitive F 2g  mode of 465 ± 1 cm −1 . [  98  ]  Doping with 
larger acceptor cations leads to the shift of this mode towards 
lower wavenumbers, resulting from lattice expansion, [  99  ]  as 
demonstrated for the dopants La, Nd, Eu, Gd, Tb, Pr, Ho, or 
Sm in ceria. [  98,100–103  ]  While the Raman “footprint” character-
istics are well investigated for bulk ceramics, the same does 
not apply to thin fi lms. In  Figure    3  , the Raman characteris-
tics of doped ceria are compared in pellets vs. strained fi lms. 
Ce 0.8 Sc 0.2 O 1.9– x   Raman spectra are displayed for the pellet and 
the thin fi lms with two different lattice constants. The largest 
Raman F 2g  wavenumber of 465 cm −1  (Figure  3 d) was meas-
ured for the pellet ( d  = 0.535 nm). Compared to the pellets, 
the F 2g  wavenumber decreases in thin fi lms (Figure  3 c), to 447 
and 452 cm −1  for the lattice constants of 0.533 and 0.525 nm 
(annealed at 600 and 1000  ° C), respectively.  

 Among these fi lms, we observe that as the lattice constant 
decreases, the wavenumber of F 2g  increases. This is consistent 
with a lattice compaction and strengthening of local cation-
anion bonds. Interestingly, the shifts in the peak position meas-
ured for the fi lms, with respect to the pellet, are larger ( Δ F 2g  = 
8 cm −1 ). To illustrate this point, we plot all Raman F 2g  shifts for 
pellets (Figure  3 d) and fi lms (Figure  3 c) as a function of the 
four different dopants tested (Sc, Lu, Gd, and La) Figure  3 c,d. 
The relative Raman spectra are detailed in Supporting Infor-
mation IX. First, in pellets, for small dopant–host radius 
mismatch, that is, Lu Cè  substitution, the F 2g  mode fre-
quency is nearly equal to that measured for undoped Ce Ce  x  at 
465 cm −1 . [  104  ]  However, when larger dopant cations are used, 
such as La Cè , the resulting lattice expansion shifts the F 2g  mode 
to 456 cm −1 . A comparison with the data from the literature on 
doped ceria pellets reveals a good agreement with the present 
measurements on La Cè   , [  98,100  ]  Lu Cè   , [  99  ]  and Gd Cè   , [  105–107  ]  within 
an error of ±1 cm −1  . This demonstrates that lattice expan-
sion (+1.83%) caused by La doping (radius misfi t of +16%) 
leads to a stretching and weakening of the oxygen-cation bond 
by  Δ F 2g  = 9 ± 1 cm −1  (+1.94%) relative to the undoped case. 
The study of doped ceria thin fi lms reveals that up to  Δ F 2g  = 
4 ± 1 cm −1  Raman shifts are found for a given dopant when the 
lattice parameter is varied by post-annealing, Figure  3 c,d. This 
is a remarkable relative change that would correspond to doping 
with, for example, a dopant 8% larger in radius than the host 
cation! We observe, for a given doped thin fi lm, that, in parallel 
to reduction of lattice constant, the Raman F 2g  peak shifts to 

 Δ  d  =  Δ 0.007 nm. Thus, up to 2/3 of the lattice constant change 
observed for a pellet, when covering the large radius range 
from Sc to La, can be reproduced by varying the post-annealing 
temperatures alone in a thin fi lm of fi xed composition.  

 Through the XRD patterns and also SEM images (Supporting 
Information) an average grain size of approximately 10 and 
20 nm was found for anneals performed at 600 and 1000  ° C, 
respectively, independent of dopant kind (for 20 mol% Sc, Lu, 
Gd, and La in ceria). We note that the grain size increased by a 
factor of two during the above mentioned anneals. 

 In the following, the microstrain, bond length (representa-
tive of bond strength) and ionic conductivity characteristics of 
M 0.2 Ce 0.8 O 1.9– x   (M = Sc 3+ , Lu 3+ , Gd 3+  or La 3+ ) solid solutions are 
presented as a function of lattice constant, both for thin fi lms 
with different post-anneal temperatures, and for bulk pellets 
previously sintered at elevated temperatures. (Since a small 
deviation from stoichiometry is expected, experiments are car-
ried out in air and for high extrinsic dopant concentrations, 
chemical formula for fi lms and pellets is denoted by general 
form of M 0.2 Ce 0.8 O 1.9– x  .) 

 Microstrain is next investigated to evaluate the role of doping 
and post-anneal temperature treatments on lattice distortions 
(for pellets vs fi lms), Figure  2 c,d. Microstrain describes the iso-
tropic displacement fi elds of atoms in a material, affecting local 
variations in ionic bond lengths. [  87–89  ]  Williamson-Hall methods 
are used to extract values for microstrain from the analysis of 
peak width broadening in X-ray diffraction patterns. [  90,91  ]  In the 
context of oxygen diffusion, the presence of a non-zero micro-
strain in the material implies that the local atomic environ-
ment around an oxygen vacancy is varied, and thus, a range of 
migration energy barriers can be expected, rather than a single 
value. All lanthanide pellets investigated reveal 0% micro-
strain, within the error of measurement, except for scandia 
doping, see Figure  2 d (open symbols), in agreement with the 
published literature. [  92–96  ]  This follows from the high sintering 
temperatures attained, for which equilibrium lattice positions 
are established for the cations, leading to zero microstrain. For 
comparison, microstrain for thin fi lms is shown with respect 
to post-anneal temperature in Figure  2 c. Here, the micro-
strain differs from zero. Indeed, we observe that microstrain is 
highest for the lowest post-anneal temperature, and that micro-
strain decreases as the post-anneal temperature is increased. 
Even though the fi lms appear fully crystalline (Supporting 
Information), they retain microstrains of up to 0.3–0.55%, that 
relax upon annealing from 600 to 1000  ° C. Microstrains can be 
relaxed to nearly 0% by post-annealing at 1000  ° C, except for 
the case of scandia doping. In the latter case, the fi lm lattice is 
under contraction and the highest microstrain levels are meas-
ured among this series of dopants. The effective microstrain 
state depends not only on the post-anneal history, but, also, on 
the fi lm dopant–host cation radius mismatch. A minimum in 
microstrain exists for a low radius mismatch, as is the case for 
Lu Cè  doping. Microstrain increases with increasing dopant-host 
radius mismatch, as for La Cè  or Sc Cè . 

 The lattice constant and microstrain capture changes mainly 
in the cation sublattice for a given single phase. [  92  ]  Recent 
computational work has drawn attention to the importance of 
cation-anion bond strength in the oxide-ion diffusion process. [  60  ]  
For migration to proceed, the local cation-oxygen bonds must 
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dopant concentration [  99  ]  changes in intensities and mode shifts 
may be attributed to the different oxygen migration space as a 
function of dopant radii. 

 The dependence of the ionic conductivity of acceptor doped 
ceria solid solutions on dopant type and post-anneal history 
(for thin fi lms) is discussed in the following. Microfabricated 
interdigitated thin fi lm electrode geometries and painted elec-
trodes were used to monitor the electrical conductivity of the 
strained thin fi lm and sintered pellets, respectively ( Figure    4  a). 
The Arrhenius dependence of the total bulk electrical conduc-
tivity of the Ce 0.8 M 0.2 O 1.9– x   (M = Sc 3+ , Lu 3+ , Gd 3+ , La 3+ ) pellets 
on reciprocal temperature examined in this study is plotted in 
Figure  4 b. The analyses of the complex impedance spectra and 
the separation of grain boundary and bulk contributions for 
pellets are detailed in Supporting Information.  

 Previous studies confi rm that for these high dopant concen-
trations (20 mol%), the conductivity measured in air is predom-
inantly ionic, resulting from oxygen ion migration via vacancy 
sites (V O   ··  ). A clear maximum in total conductivity and min-
imum in activation energy of 0.74 eV is observed, in Figure  4 b, 
for gadolinium doping. The activation energy increases both for 
larger dopant cations, for example, 0.96 eV for lanthanum, and 
smaller dopants, for example, 1.13 and 1.53 eV for lutetium 
and scandium doping respectively. This is in agreement with 
the fi ndings reported in the literature for bulk ceria [  11,13,108,109  ]  
with the trend explained in terms of cation-vacancy association 
effects. The available literature on pellets usually discusses bulk 

higher wave numbers, indicating lattice contraction and anion-
cation bond strengthening. Thus we deduce that the oxygen-
cation bond strength can apparently be engineered through 
both post-annealing and doping in these fi lms, and both tuning 
parameters have comparably signifi cant effects. In Figure  3 b, 
our DFT calculations also show that the lattice expansion due 
to hydrostatic strain weakens the anion-cation bond strength, 
represented by the width of the charge density distribution 
between O and Ce. 

 Based on this observation, the next question addressed is 
how the changed anion-cation bond distance and lattice para-
meters impact oxygen vacancy concentration and migration. It 
is known in the literature that a second Raman band, attrib-
uted to second order phonon scattering on oxygen vacancies, 
increases with increasing concentration of dopants in ceria. [  98  ]  
The intensity of this band was correlated to the oxygen vacancy 
concentration in ceria induced by extrinsic doping. This band is 
also found around 530–600 cm −1  in the samples examined here 
(assigned as  α ), Figure  3 a. Thin fi lms show an increase in the 
intensity of this peak, for large lattice constants (low packing 
density, high strains) for each dopant, Figure  3 e. Recently, 
Pikalova et al. [  99  ]  described, for the fi rst time, that a slight red 
shift in the  α -peak position and changes in the  α -peak inten-
sity are observed when varying the dopant cation radius. The 
authors hypothesized that “changes in intensities are related to 
the size of the vacancies, which increases with effective radii 
of the dopant” for comparable lanthanoide pellets at a constant 

       Figure 3.  Raman near order characteristics of 20 mol% doped ceria thin fi lms and pellets with respect to lattice constant. a) Exemplary Raman spectra 
for Ce 0.8 Sc 0.2 O 1.9− x   pellet versus thin fi lms at two different frozen-in microstructures (annealed at 600 and 1000  ° C prior to Raman). b) Computation 
of the Raman shift as a function of lattice strain for ceria. Visualized planes corresponds to the F 2g  Raman mode probed relative to lattice constant 
for anion-cation bonds, and oxygen planes. c,d) Experimentally determined F 2g  Raman shifts of strained ceria solid solution fi lms and sintered pellets 
with respect to lattice constant. e) Raman phonon scattering on oxygen vacancies in strained ceria fi lms with respect to lattice constant (intensity ratio 
relative to F 2g  Raman mode intensity). The thermodynamic equilibration temperatures of the crystal structures are indicated relative to lattice constant 
for fi lms and pellets by dashed lines. 
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constant, for a range of dopants in bulk pellets, and for gado-
linia-doped ceria thin fi lms with various processing-dependent 
lattice constants. 

 A comparison of the dependence of the ionic conductivity 
versus reciprocal temperature of the Ce 0.8 Gd 0.2 O 1.9− x   pellets and 

ionic transport in terms of lattice constant. [  11  ]  Changes in lat-
tice constant through dopant-host radii mismatch reportedly 
impact defect association for a given solute concentration as 
reviewed in the Introduction. In the following, we compare our 
experimental fi ndings on the ionic conductivity versus lattice 

       Figure 4.  Electrical conductivity of 20 mol% doped ceria thin fi lms and pellets. a) Measurement set-up pellet vs thin fi lm samples with microabricated 
sputtered electrodes. b) Arrhenius diagrams for electrical conductivity of Ce 0.8 M 0.2 O 1.9− x   pellets with M = Sc, Lu, Gd, or La. c) Arrhenius diagram of 
Ce 0.8 Gd 0.2 O 1.9− x   thin fi lms on sapphire and MgO substrates for different frozen in states (lattice constant). d) Activation energy of total conductivity 
in air range for Ce 0.8 M 0.2 O 1.9− x   pellets doped with M = Sc, Lu, Gd, or La plotted relative to the ones of Ce 0.8 Gd 0.2 O 1.9− x   thin fi lms in different frozen in 
states. (e) Computed DFT oxygen ion migration barrier relative to lattice constant for undoped ceria. f) Computed DFT trimer dopant-vacancy enthalpy 
relative to lattice constant for Ce 0.8 Gd 0.2 O 1.9− x  . The range of frozen in structural states is indicated by an arrow pointing from minimum (600  ° C) to 
maximum (1000  ° C) post-anneal temperature probed for thin fi lms. 
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We iterate that this is a signifi cant effect induced solely by 
post-processing of the thin fi lms.  

  3   .  Discussion 

 Despite the growing interest in the ionic conduction proper-
ties of doped ceria thin fi lms, unequivocal elucidation of struc-
tural near and long range order changes, and implication for 
the ionic diffusivities, have not been achieved, particularly 
with respect to processing-dependent lattice constants. Thin 
fi lm crystal structures have not reached equilibrium due to the 
low processing and post-annealing temperatures and compact 
upon annealing. It is not possible to ascribe, for example, equal 
ionic diffusion kinetics for a material processed in the form 
of a thin fi lm or a pellet, if their lattice parameter and oxygen-
cation bond strength (Raman characteristics) differ strongly, as 
demonstrated here in Figure  1 b,  3 c. Two independent measure-
ments, XRD and Raman spectroscopy (Figure  1 b,  3 c respec-
tively), reveal that thin fi lm lattices compact upon increase 
in post-anneal temperature. This holds for all investigated 
doping cations in this study, namely scandium, lutetium, lan-
thanum and gadolinium, and maybe related to defect clustering 
effects. [  114–116  ]  Simultaneously, microstrain also decreases in all 
thin fi lm crystal structures with increasing post-anneal tem-
perature Figure  2 c. This compaction of the lattice decreases 
the space available for oxygen migration, and as demonstrated 
computationally relative to shifts in the Raman F 2g  vibrational 
modes, increases the local cation-oxygen bond strengths, 
thereby raising the oxygen ion migration barrier, Figure  3 b. 
This fi nding resulted from computation of the Raman shifts 
(near order bonds) relative to the lattice compaction in the 
fi lms and supports the experimental fi ndings. Concerning the 
ionic conductivity, an increase in the activation energy from 
0.7 to 1.1 eV was measured for gadolinia-doped thin fi lms with 
decreasing lattice parameter from 0.543 to 0.536 nm, Figure  4 d. 

 In an attempt to rationalize these results, namely the fact 
that the same material presents different activation energies 
(0.7–1.1 eV) at low temperature, depending on the post-anneal 
temperature, we take a closer look at the activation energy of 
these materials and the factors affecting it. We recall that the 
activation energy for the oxide-ion conduction contains two 
contributions, migration barrier and defect association ener-
gies (see Equation  2 ). The defect association energy �Ha  , in 
turn, can be further divided into two contributions, one coming 
from the interaction between a vacancy and the dopant cation 
(�Hcat−rac  ) and another one from the interaction between a 
vacancy and neighboring vacancies (�Hvac−vac  ). [  84,117–119  ]  In the 
following, we apply DFT calculations, and an analysis of the lit-
erature, to examine the relative changes of the migration and 
association enthalpies as a function of lattice parameter (rep-
resenting a hydrostatic lattice strain) in gadolinia-doped ceria. 
Strain is known to affect the migration enthalpy of oxygen ions 
in the fl uorite and perovskite lattices, as reported in a number 
of recent studies. [  40,59,60,79,120–123  ]  Our DFT calculations on pure 
CeO 2 , shown in Figure  3 b, clearly indicate that a ≈2% strain 
(within the same range of the experimentally determined lattice 
parameters in this work) yields a change in the migration energy 
barrier of approximately 0.2 eV, about half of the experimentally 

thin fi lms measured in air is presented in Figure  4 c. The thin 
fi lm data is further presented by the dependence of activation 
energy on lattice constant, obtained from the various annealing 
treatments (Figure  4 d). At temperatures below 500  ° C, the ionic 
conductivity activation energy in GDO fi lms increases from 
0.7 to 1.1 eV, with a reduction in lattice constant from 0.543 to 
0.536 nm. In accordance with the observed increase in the acti-
vation energy, a lowered conductivity is measured. At tempera-
tures above 500  ° C, the conductivities of all the fi lms, annealed at 
the various temperatures, appear to converge. While it appears 
that all the curves converge to a single activation energy of 
0.7 ± 0.1 eV, independent of their frozen-in lattice constant, there 
is insuffi cient data at elevated temperatures to distinguish this 
possibility from one in which the curves happen to cross each 
other in the 500–600  ° C range and would result in different pre-
exponential factors according to the Meyer-Neldel rule. [  110  ]  For 
thin fi lms, it remains diffi cult to isolate grain boundary from 
grain contributions in the EIS data. However, the fact that grain 
size increased upon annealing (from 10 to 20 nm), normally 
leading to a reduced resistance due the decreased number of 
series grain boundaries, while the overall resistance of these 
fi lms increased upon lattice compaction with annealing, pro-
vides strong evidence that grain boundaries contribute, at most, 
in a minor way to the observed trends in conductivity. 

 The reproducibility of these results were confi rmed by 
remeasuring the electrical conductivity on the same sample 
(for fi lm with largest lattice constant) with activation energy 
within an error of ±0.03 eV. To eliminate the possibility of the 
substrate effects (i.e., chemical interdiffusion or substrate-fi lm 
strain), a new set of Ce 0.8 Gd 0.2 O 1.9− x   thin fi lms were deposited 
on a different substrate material (MgO single crystal), post-
annealed at 1000  ° C, followed by deposition of new interdigi-
tated electrodes. An excellent match of the ionic conductivity 
activation energy, within an error of ±0.02 eV, was found for 
the 550 nm thick fi lms on MgO and those deposited onto sap-
phire single crystal substrates. The changes in the activation 
energy of the Ce 0.8 Gd 0.2 O 1.9− x   thin fi lm with change in its lat-
tice constant can thus be attributed to the metastable nature of 
these polycrystalline microstructures, and not resulting from 
chemical interdiffusion, differing growth conditions or strain 
induced at the substrate-fi lm interface. It is also to be noted that 
the thin fi lms exhibit a conductivity that is at least one order of 
magnitude lower than that of the pellets. Similar observations 
have previously been made in the solid state ionics literature 
where polycrystalline fi lms reveal generally lowered ionic con-
duction than the bulk material [  47,51,78,111,112  ]  for zirconia and 
ceria, though several reports, stating the contrary, can also be 
found. [  12,52  ]  Sanna et al. reported on increased conductivity for 
epitaxial fi lms, and a lowered one for polycrystalline thin fi lm 
microstructures. [  113  ]  

 The change in the activation energy as a function of the 
lattice constant for Ce 0.8 Gd 0.2 O 1.9− x   thin fi lms is reported 
in Figure  4 d for  T  < 500  ° C. These data are compared with 
changes in the activation energy observed when doping 
with different cations in Ce 0.8 M 0.2 O 1.9− x   (M = Sc 3+ , Lu 3+ , 
Gd 3+ , La 3+ ) bulk pellets. The impact of the lattice constant of 
Ce 0.8 Gd 0.2 O 1.9− x   thin fi lms on the activation energy was found 
to coincide well (within ± 0.03 eV) with the relative changes 
observed in the pellets upon change in dopant cation radius. 
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of their bulk counterparts. With increasing anneal tempera-
ture, however, the fi lms exhibited substantial compaction with 
lattice parameters decreasing by as much as nearly 2% (viz, 
 Δ  d  600–1100  ° C : –1.7% (Sc +3 ) > –1.5% (Gd +3 ) > –1.2% (La +3 )) for the 
annealing temperature range of 600–1100  ° C. Remarkably, 2/3 
of the lattice parameter change obtained in sintered bulk ceria 
upon changing the acceptor diameter from the smaller Sc to 
larger La, can be reproduced by post annealing a fi lm with fi xed 
dopant diameter and composition. We therefore investigated 
the ionic conductivity of gadolinia-doped ceria thin fi lms and 
found that the activation energy of ionic conductivity increases 
as the lattice parameter of the fi lm decreases. In an attempt to 
rationalize this experimental fi nding, two possible mechanisms 
have been tested by DFT calculations; the increased migration 
barrier and the increased defect association energy to form 
dimers or trimers. While the impact of lattice compaction on 
defect association/ordering cannot be entirely excluded, the 
main effect appears to result in an increase in migration energy 
and consequent drop in ionic conductivity. 

 A review of the literature demonstrates that there is a large 
discrepancy in the reported electrical and mechanical charac-
teristics of both supported and free-standing thin fi lm mem-
branes; see. [  126,127  ]  Based on the results reported in this study, 
it is highly likely that these discrepancies result from differing 
frozen in metastable states of the thin fi lms. More generally, 
these results point to the importance of understanding the 
electro-chemo-mechanical coupling that goes on is such mate-
rials, that is, the tie in between mechanical strain, chemical 
stoichiometry and electrical charge carrier concentration and 
transport. [  80  ]  At least from the standpoint of acceptor doped 
ceria fi lms, it is clear that annealing procedures should be held 
to a minimum to maintain the optimum oxygen ion conduc-
tivity and specifi cally the low migration energy of the oxygen 
ions for energy-related applications.  

  5   .  Experimental Section 

   5.1. Material Synthesis  

 M 0.2 Ce 0.8 O 1.9−  δ    (M = Sc, Lu, Gd or La) powders, pellets, and thin fi lms 
were synthesized in this study. 

  Powder Processing : The nanocrystalline powders were synthesized 
by a modifi ed sol–gel process. Stoichiometric amounts of commercial 
Ce(NO 3 ) 3 ·6H 2 O (Aldrich, 99.99%) and Sc 2 O 3  (Aldrich, 99.9%), or Lu 2 O 3  
(Aldrich, 99.9%), or Gd(NO 3 ) 3 ·6H 2 O (Aldrich, 99.9%), or La(NO 3 ) 3 · 
6H 2 O (Aldrich, 99.99%) were dissolved in an aqueous solution of nitric 
acid. Citric acid was used as a chelating agent in a 2:1 ratio with respect 
to the total metal cations. After obtaining a transparent solution, the 
pH was adjusted between 6 and 8 by adding NH 4 OH. The solution was 
heated under stirring and fi nally ignited to fl ame, resulting in a grey ash. 
The ash was heated to 650  ° C for 6 h to form single phase doped-ceria 
powders. 

  Pellet Processing : Pechini-derived powders synthesized in this study 
were used to prepare both bulk pellets and PLD targets. The pellets were 
produced by uniaxial and isostatically pressing (850 kN for 2 min), and 
subsequent heating to 1500  ° C at 3  ° C min −1 , maintaining 1500  ° C for 
4 h and then cooling at 5  ° C min −1  to room temperature. The density of 
the pellets was evaluated using the Archimedes method. 

  Thin Film Processing : The ceria-based fi lms were deposited on a (001) 
sapphire single crystal (Stettler company, Switzerland) by pulsed laser 

observed change of ≈0.4 eV in Figure  4 c, but the same order 
of magnitude. This analysis would be appropriate only if the 
experimental activation energy were solely determined by the 
migration energy, thereby assuming that the convergence in 
the conductivity curves in Figure  4 c above ≈500  ° C was coinci-
dental. Alternatively, convergence to a single activation energy 
at elevated temperatures implies a constant migration energy 
with higher activation energies at lower temperatures indica-
tive of defect association/ordering. We focus here on assessing 
the vacancy-cation association effects, that is, on the �Hcat−rac   
term. In previous work using Molecular Dynamics simulations 
in Y-doped CeO 2 , we found that isotropic strain has virtually 
no effect on vacancy-vacancy ordering, �Hvac−vac  . [  124  ]  Figure  4 f 
shows the association energy for a (Gd-V-Gd) trimer in Gd-
doped CeO 2 , for different values of the lattice parameter. These 
values are the same as the experimentally determined lattice 
parameters for Gd-doped CeO 2  thin fi lms in this work. As the 
lattice is compressed, the association energy of the trimer is 
predicted to increase by as much as 0.08 eV. Similar calcula-
tions (not shown) for a dimer, that is, (Gd-V), yield an energy 
of 0.04 eV. This change of nearly 0.1 eV observed for the trimer 
(0.04 eV calculated for the dimer), is in agreement with a recent 
study by Rushton et al. who observed a similar change. [  125  ]  
While this is in qualitative agreement with the trend observed 
in these thin fi lms, these values are signifi cantly lower than 
the 0.4 eV change in the activation energy measured by imped-
ance spectroscopy. One should stress, however, that the studied 
defect associate (a vacancy-cation dimer and a cation-vacancy-
cation trimer) is rather simplistic and that, for the high con-
centrations of defects, such as in this case (5% oxygen vacan-
cies), more complicated defect clusters are expected. [  114–116  ]  In 
conclusion, based on computer modeling, the large change in 
activation energy observed in these fi lms with lattice compres-
sion appears to be more consistent with the expected effects of 
compressive strain on the migration energy of oxygen vacan-
cies, although the corresponding impact on defect association/
ordering (especially if extended) cannot be excluded.  

  4   .  Conclusions 

 The growing interest in integrating thin fi lm solid electrolytes 
and mixed ionic electronic conductors into Si-based microsys-
tems for the development of micro solid oxide fuel cells, 
micro-batteries, micro sensor arrays or resistive switches draws 
attention to how the properties of such fi lms, which must be 
fabricated and/or operated below 500–700  ° C, infl uence their 
long term performance. It becomes particularly important to 
understand how these limitations impact the transport proper-
ties of these fi lms, particularly those of the oxygen ion and their 
dependency on the processing dependent lattice compression 
or expansion. In this systematic investigation of the oxygen 
ion conductivity of both bulk and thin fi lm acceptor doped 
ceria as a function of acceptor dopant diameter (M 0.2 Ce 0.8 O 1.9− x   
(M = Sc 3+ , Lu 3+ , Gd 3+  or La 3+ )), we discovered a major depend-
ence of lattice parameter of the thin fi lms, not only on accepter 
diameter, as expected, but also on the post growth anneal tem-
perature. Following a 600  ° C anneal of the fi lms deposited at 
room temperature, they exhibit lattice parameters close to those 
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Bio-Logic Co.), in the 0.1 Hz–1 MHz frequency range, with an applied ac 
voltage amplitude of 50 mV. For this conventional Pt-paste contacts were 
applied. The small-scale thin fi lm patterned electrodes were contacted 
with microprobe tips in a custom fabricated microprobe station with 
a sealed atmosphere environment, equipped with stereomicroscopy. 
Impedance spectropscopy measurements were carried out with the aid 
of a Novocontrol model Alpha-A Impedance analyzer (Hundsangen, 
Germany) operating with 300 mV amplitude over the frequency range 
of 10 mHz–1MHz. To distinguish electrode from fi lm response, 
measurements were carried out with varying bias from zero to 1 V. 
Equivalent circuits were fi tted to the impedance spectra with the aid 
of Scribner Associats Inc. ZView 2 software (Southern Pines, NC) in a 
complex mode with calc-modulus weigting. To assure reproducability of 
the measurements, the thin fi lms were re-contacted more than 5 times 
with impedances recorded for more than 3 heating and cooling cycles, 
at a rather small T increase/cool intervals of 5–10   °  C at a heating rate of 
5 K/min.  

   5.5. Computation  

 Plane wave DFT calculations were performed using the Vienna ab initio 
simulation package (VASP) [  128  ]  to assess the strain response of the 
oxygen ion migration barrier, defect association energies and vibrational 
frequencies of the O–Ce–O bond. We employed the generalized gradient 
approximation (GGA) parameterized by Perdew-Burke-Ernzerhof 
(PBE) [  129  ]  along with the projector augmented wave (PAW) method [  130  ]  to 
describe the ionic cores. A Hubbard term with  U  = 5 eV [  131  ]  was added to 
Ce to correct for the self-interaction errors present in conventional DFT. 
Similarly,  U  = 5 eV was also used for Gd, to make sure that the  f -electrons 
of this ion were properly localized. This was subsequently confi rmed by 
checking the spin state and charges of these ions. Our treatment differs 
slightly from other approaches where a certain number of  f -electrons are 
frozen in the core state to ensure the correct valance, [  21  ]  though we do 
not anticipate any signifi cant difference. All calculations used a plane 
wave expansion cutoff of at least 400 eV and included spin polarization. 
We used a size of 2 × 2 × 2 supercell (Ce 32 O 64 ) derived from the ideal 
fl uorite crystal structure with a 2 × 2 × 2 Monkhorst-Pack  k -point mesh. 
DFT+U has been used extensively for the study of ceria both by authors 
of this paper and by others, [  119  ]  and has been shown to reproduce very 
well a range of properties of this material, including lattice parameters, 
elastic constants, activation energy for ionic conduction and electronic 
structure. 

 For the calculation of the migration energy reported in Figure  4 , an 
oxygen vacancy was included in our unit cell. Hydrostatic lattice strain 
was imposed by changing the lattice constant from 0.535 to 0.545 nm. 
The climbing image nudged elastic band (CI-NEB) method [  132  ]  was 
employed to calculate the migration energy barrier of oxygen. Initial 
approximations to reaction paths were obtained by linear interpolation 
between the energy minima confi gurations. Three intermediate images 
were used, which was suffi cient to map the minimum energy path 
accurately, as also found by other researchers. [  21  ]  Normal modes 
and vibrational frequencies were calculated within the harmonic 
approximation using fi nite difference displacements of 0.005 Å. Among 
them, the Raman F 2g  mode was manually assigned by the symmetry of 
the vibration. 4 Ce–O atoms tetrahedrally connected were included in 
these calculations but the other atoms were fi xed for the computational 
effi ciency. The association energies for a dimer (trimer) was calculated 
as the difference between a confi guration in which the vacancy was 
nearest-neighbor to the Gd cation(s) and another one in which the 
vacancy was placed as far as possible (>7 Å) from them.  

  Supporting Information 
 Supporting Information is available from the Wiley Online Library or 
from the author.  

deposition (PLD) using a KrF excimer laser operating at a wavelength of 
248 nm. Deposition was established at 350 mJ per pulse at a repetition 
rate of 10 Hz for a substrate to target distance of 6.5 cm. After reaching 
a background pressure of 10 −5  mbar, the fi lms were deposited at room 
temperature and 10 mbar O 2  pressure. The fi lm thickness was determined 
by the number of PLD pulses and subsequent profi lometer measurements. 
90 000 pulses resulted in an average fi lm thickness of 700 nm.  

   5.2. Electrode Preparation and Microfabrication  

 Two types of electrodes were used in this study, typifi ed by large-scale 
electrodes for measurements of sintered pellets, and small-scale 
micropatterned interdigitated electrodes suitable for high resolution 
impedance measurements of metal oxide thin fi lms. 

  Large-Scale Pellet Electrode Preparation for Sintered Pellets : For 
conductivity measurements, two symmetrical porous Pt electrodes 
were brush painted onto both sides of polished doped ceria pellets and 
heated to 1000   °  C for 1 h. 

  Small-Scale Micropatterned Interdigitated Electrodes for Thin Films : 
Platinum interdigitated electrodes were fabricated by metal lift-off 
photolithography. After rinsing with acetone and alcohol and drying with 
N 2 , a photoresist (FUTURREX, inc, NR7–3000, Franklin, NJ) was spin-
coated onto the sample surface at a rotation speed of 3000 RPM and 
baked at 150   °  C for two minutes. The samples were then exposed to 
broadband ultraviolet light for 30 s through a chrome photolithography 
mask that had a number of different interdigitated electrode designs. 
After post-baking at 100   °  C for two minutes, the samples were soaked in 
a resist developer (FUTURREX, inc, RD6, Franklin, NJ) until the electrode 
patterns were completely developed, as determined by visual inspection. 
Dense platinum fi lms were then RF sputtered onto the photoresist 
patterns in a Kurt J. Lesker magnetron sputtering system. The sputtering 
atmosphere was argon, maintained at 5.0 mTorr with a fl ow rate of 
roughly 15 sccm at room temperature. 50 W of DC power were used. 
To dissolve the photoresist and complete the lift-off patterning, the 
samples were soaked in acetone in a covered dish for a few hours. The 
smallest electrode distance fabricated in the interdigitated pattern was 
12 micronmeters.  

   5.3. Chemical and Structural Characterization  

 An inductively coupled plasma optical emission spectrometry, ICP-OES 
(Nippon Jarrel-Ash Co., IRIS Advantage) was used for chemical analysis. 
Further, the materials were characterized by scanning electron microscopy 
(SEM, Leo Gemini 1530) to investigate microstructures. In-situ X-ray 
diffraction (XRD) was carried out on pellets and fi lms using a PANalytical 
X`Pert Pro multi purpose diffractometer with a heating chamber and a 
Cu K  α   wavelength. Heating was carried out at a rate of 3 K min −1 , or, 
for isothermal holds, at constant temperature. The in-situ heating 
diffractometer was equipped with programmable divergence slits and 
high resolution X’Celerator position sensitive detector. The microstrain 
was determined using the Williamson-Hall method after correction for 
instrumental peak broadening in the total full width of half maximum 
determined. [  90  ]  In order to determine the instrumentally broadened full 
width at half maximum contributions as a function of the diffraction angle 
2  θ  , 13 hkl refl ections of a LaB 6  (NIST SRM660) standard powder sample 
were measured as well as microcrystalline non-strained ceria-powders. 
In-case of powders, ex-situ XRD powder diffractograms were measured 
using a Rigaku (Ultima III) diffractometer with Cu K α  radiation. Raman 
spectra were recorded with a spectrometer (Kaiser Optical Hololab 
5000R Raman Microscope); a solid state laser 400 mW (Invictus) with an 
excitation wavelength of 785 nm was used in micromode.  

   5.4. Electrical Characterization  

 Electrochemical impedance spectroscopy measurements of the sintered 
pellets were performed in air using a multichannel potentiostat (VMP3, 
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